We demonstrate the growth of ordered arrays of nonpolar f10 " 10g core-shell nanowalls and semipolar f10 " 11g core-shell pyramidal nanostripes on c-plane (0001) sapphire substrates using selective-area epitaxy and metal organic chemical vapor deposition. The nanostructure arrays are controllably patterned into LED mesa regions, demonstrating a technique to impart secondary lithography features into the arrays. We study the dependence of the nanostructure cores on the epitaxial growth conditions and show that the geometry and morphology are strongly influenced by growth temperature, V/III ratio, and pulse interruption time. We also demonstrate the growth of InGaN quantum well shells on the nanostructures and characterize the structures by using micro-photoluminescence and cross-section scanning tunneling electron microscopy.
INTRODUCTION
Group III-Nitrides are the most commonly utilized materials for the fabrication of visible optoelectronic devices, including high-brightness light emitting diodes (LEDs), [1] [2] [3] [4] violet laser diodes for optical data storage, 5 and blue and green laser diodes 6, 7 for light projection systems. However, these devices when fabricated on c-plane sapphire or free-standing c-plane gallium nitride (GaN) substrates suffer from a high density of threading dislocations and polarization-related electric fields, 8, 9 which reduce the internal quantum efficiency (IQE) 10 and contribute to efficiency droop. 11 Threading dislocations are considered to be a key failure mechanism in GaNbased lasers, are related to the electrical breakdown of GaN-based p-n junctions, 12, 13 and play an important role in the increase of the reverse leakage current in LEDs. 14 The presence of polarization-related electric fields in c-plane grown InGaN/GaN quantum wells (QWs) leads to the spatial separation of electrons and holes within the QWs, which in turn leads to a lower carrier recombination rate and a lower IQE. Polarization-related electric fields are addressable by growing on nonpolar or semipolar crystallographic orientations of GaN. 3, [15] [16] [17] [18] The reduction of internal polarization-related electric fields in nonpolar and semipolar GaN leads to improved spatial overlap of the electrons and holes and increases the radiative recombination rate. This results in a lower carrier density for a given operating current density, decreasing the likelihood of efficiency droop, which is more severe at higher carrier densities. Recently, growth on low-dislocationdensity nonpolar and semipolar free-standing GaN substrates has been explored to enable GaN-based LEDs with improved IQE, reduced efficiency droop, and negligible blue shift. 16, 17 However, free-standing nonpolar and semipolar GaN substrates are currently expensive and only available in small wafer sizes. Alternatively, nanoscale selective-area epitaxy (SAE) provides a path toward low-dislocation-density nonpolar and semipolar III-nitrides on inexpensive, large-area c-plane sapphire substrates. 19 The SAE technique utilizes the growth rate differences between the various crystallographic facets of GaN to form three-dimensional (3D) nanostructures with large nonpolar and semipolar surface areas and low dislocation densities.
A schematic cross-section of a single core-shell nanowall LED is shown in Fig. 1a . The LED consists of a 3D n-GaN core surrounded by InGaN/GaN QWs/barriers and p-GaN shells. The active region area for an array of these nanowalls is determined by the height, width, length, and fill factor (width/ pitch) of the nanowalls. The effective active region area can be much larger than that of a planar LED with the same substrate footprint since the structures are 3D. For example, Fig. 1b shows the calculated effective active region area versus nanowall width for an array of nanowalls of various heights with a fill factor of 50% on a planar 1 mm 2 substrate. The plot illustrates that nanowalls can easily achieve effective active region areas that are 5-109 larger than those of planar LEDs with the same chip size. As described below, this could be leveraged to reduce the operating carrier density for a given current, thus mitigating efficiency droop. Assuming unity injection efficiency, the current through an LED (I) can be related to the carrier density (N) and the current density (J) by
where Area is the active region area, q is the elementary charge, d is the active region thickness, and A, B, C are the Shockley-Read-Hall, bimolecular, and Auger recombination coefficients, respectively.
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From Eq. 1, for a given device current the carrier density is lower for larger effective active region areas. Since the IQE is related to the carrier density by the efficiency droop is reduced for lower N since the non-radiative Auger term (CN 3 ) associated with droop plays a smaller role in determining the IQE. Furthermore, since nonpolar and semipolar QWs exhibit higher A, B, and C coefficients than c-plane QWs, 20 the carrier density for a given current is further reduced when using these orientations. Core-shell nanostructures also have reduced threading dislocation densities 21 as a result of dislocation spatial filtering and dislocation termination at the sidewall surfaces. Thus, LEDs based on 3D nanostructures can combine the benefits of low dislocation density with increased active region area and nonpolar/semipolar active regions to improve the radiative efficiency and reduce efficiency droop at high operating currents. Indeed, theoretical studies have demonstrated a weaker droop effect in core-shell nanowire LEDs as compared to that of conventional planar LEDs 22 and 3D nanostructures have attracted attention for the fabrication of GaN-based LEDs, [23] [24] [25] laser diodes 26 and transistors. 27 Nonpolar f10 " 10g surfaces have been demonstrated on c-plane substrates with three-dimensional growth that uses catalyst-free selective-area pulsed metal organic chemical vapor deposition (MOC-VD) 19, [28] [29] [30] and continuous-flow MOCVD. 31 In this paper, we demonstrate the growth of arrays of nonpolar f10 " 10g core-shell nanowalls and semipolar f10 " 11g core-shell pyramidal nanostripes on c-plane (0001) sapphire substrates using SAE based on MOCVD. The nanostructure arrays are controllably patterned into LED mesa regions, demonstrating a technique to impart secondary lithography features into the arrays. We study the dependence of the nanostructure geometry and morphology on the epitaxial growth conditions and present characterization of the structures using micro photoluminescence (l-PL) and cross-section scanning tunneling electron microscopy (STEM).
EXPERIMENTAL DETAILS
To prepare the nanostructure arrays, a thin GaN nucleation layer was grown on a c-plane (0001) sapphire substrate at 525°C, followed by a 2-lm-thick planar GaN layer at 1080°C in a VEECO p75 MOCVD reactor. The planar GaN layer was doped with 2 9 10 18 cm À3 silicon atoms and serves as the n-side for the core-shell nanostructured LEDs. A 100-nm-thick silicon nitride dielectric layer was then deposited on top of the planar GaN template using plasma enhanced chemical vapor deposition (PECVD). To fabricate the core-shell nanostructures, apertures were patterned into the dielectric growth mask using an interferometric lithography (IL) 32 process that is illustrated in Fig. 2 . The patterned stripes were orientated along the h11 " 20i direction of the GaN. After the lithography, the samples were subjected to a pattern reversal, which was achieved by evaporation of a thin layer of nickel on the sample, followed by a liftoff in acetone. Next, secondary patterns in the initial lithography were created using traditional contact photolithography. These patterns were in the shape of interdigitated LED mesas and define selective areas where nanostructures are subsequently grown (not shown in Fig. 2 ). After the lithography, the samples were loaded into a fluorine-based reactive ion etch (RIE) system to etch the silicon nitride dielectric in the exposed regions, which was followed by a piranha clean. The samples were then loaded into the MOCVD reactor for re-growth of the 3D nanostructures.
The growth in the aperture areas was carried out with two different methods depending on the desired geometry of the nanostructures. The nonpolar GaN nanowall cores were grown using pulsed MOCVD at a chamber pressure of 100 Torr and a temperature of 980°C. Details of the pulsed growth have been discussed elsewhere.
19 Trimethylgallium (TMGa) and ammonia (NH 3 ) were the precursors used to grow the GaN in both cases under an atmosphere composed of hydrogen and nitrogen gases in a 3:1 ratio.
In addition to nanowall cores using pulsed MOCVD, we also achieved semipolar f10 " 11g GaN pyramidal nanostripes cores using a similar SAE process with conventional continuous-flow MOCVD (see Fig. 3 ). The pyramidal nanostripe cores were grown at a pressure of 200 Torr and a temperature of 1080°C using a TMGa flow rate of 56 lmol/min and an NH 3 flow rate of 67 mmol/min, respectively. The nanostructures were initially characterized using scanning electron microscopy (SEM). Figure 3 shows the SEM images of uniformly grown GaN nanostructures, including nanowalls, pyramidal nanostripes, and nanowalls within a secondary pattern. To optimize the 3D nanostructure cores and to understand the dependence of geometry and morphology on epitaxial growth conditions, we studied the effects of growth temperature, V/III Controlled Growth of Ordered III-Nitride Core-Shell Nanostructure Arrays for Visible Optoelectronic Devices ratio, and pulse interruption time. The majority of these experiments were carried out for the nanowall geometry.
RESULTS AND DISCUSSION

Effect of Temperature on the Pulsed Growth of Nanowalls
To examine the effect of growth temperature on the nanowall geometry, the growth temperature was varied across different samples from 890°C to 980°C, while the remaining growth parameters were held constant. The lateral and vertical growth rates on the resulting samples show considerable dependence on the growth temperature. Figure 4 shows the SEM images of GaN nanowalls grown at different temperatures. At lower growth temperatures, the nanowall growth is uniform but exhibits significant lateral growth (higher growth rate of the nonpolar m-plane). For very low temperatures, complete coalescence occurs, as shown in Fig. 4a . The complete coalescence results from the low surface mobility of the growth nutrients at low temperature, which increases the growth rate in the lateral direction. An increase in growth temperature leads to an increase in the surface mobility of the precursor molecules, thus driving away the nutrients from the surface of the wafer. Under these conditions, the faster growing c-plane eventually grows to extinction and the stable, slow-growing nonpolar f10 " 10g and semipolar f10 " 11g and f10 " 12g are observed. At these higher temperatures, uniform nanowall growth is observed, as illustrated in Fig. 4b-d . As the temperature is further increased, the line apertures are incompletely filled and do not exhibit good nanowall growth due to the greater desorption of growth nutrients, as shown in Fig. 4e . A temperature of 960°C was selected as the optimum point for subsequent nanowall growth experiments.
Effect of V/III Ratio on the Pulsed Growth of Nanowalls
The V/III ratio was an important factor in achieving different crystallographic facets on the 3D nanostructures and determining their geometry. To examine the effect of V/III ratio on nanowall geometry, the NH 3 molar flow was varied while all other growth parameters (i.e., TMGa molar flow, temperature, growth time, and pressure) were held constant. Figure 5 shows SEM images of four nanowall samples grown with different V/III ratios. Nanowall growths performed at a V/III ratio higher than 500 produced pyramidal stripes with only semipolar f10 " 11g facets. Thus, the highest V/III ratio considered was 500, which produced nanowalls with significant semipolar planes as shown in Fig. 5a . As shown in Fig. 5b , as the V/III ratio was decreased the extent of the semipolar planes was reduced and more c-plane area emerged. Further reduction in the NH 3 molar flow lead to the continued reduction of the semipolar f10 " 11} facets and the nonpolar f10 " 10} m-plane started to dominate, as shown in Fig. 5c . This can be attributed to the fact that f10 " 11} are slow growing planes and dominate when the V/III ratio is high. Lin et al. have reported similar findings with GaN nanowires and have attributed the slow growth of the f10 " 11g family planes to hydrogen passivation. 33 The lower NH 3 molar flow (lower V/III) reduces the hydrogen passivation due to the increased presence of gallium atoms, which also leads to an increase in the growth rate of f10 " 11g family planes and a decrease in the growth rate of f10 " 10g nonpolar m-planes and the c-plane. Further reduction of the NH 3 flow resulted in the appearance of only c-plane and nonpolar f10 " 10g planes, with very little semipolar f10 " 11g faceting, as shown in Fig. 5d . A V/III ratio of 50 was considered the basis for the subsequent experiments to study the effect of source interruption time on the nanowalls.
Effect of Interruption Times on the pulsed Growth of Nanowalls
The interruption time (t 1 À t 0 = Dt int ) between the Group III and Group V injections, as illustrated in Fig. 6a , was varied during the pulsed MOCVD to examine the effect of source interruption on the nanowall geometry. During this experiment, other growth parameters such as temperature, pressure, and V/III ratio were held constant. The TMGa injection time (t 2 À t 1 ) was set at 18 s, while the NH 3 injection time (t 4 À t 3 ) set at 6 s. The interruption times (Dt int ) between the two source injections were varied from 18 s to 24 s. The carrier gases (nitrogen and hydrogen) were set to flow throughout the growth time. As the interruption time was increased, the amount of lateral (m-plane) growth was reduced. Under these growth conditions, the m-plane tends to be a stable plane with lower growth rate than the c-plane. The increase in the interruption time between the sources limited the growth rates of the different crystallographic facets of the nanowalls. This is attributed to desorption of the Ga atoms from the nonpolar f10 " 10g facets through a formation of GaH x with the ambient hydrogen gas at the growth temperatures. Jung et al. have observed similar behavior in the pulsed growth of GaN nanowires by MOCVD 34 and Wu et al. have observed this in GaN nanowire growth using molecular beam epitaxy (MBE). 35 As the interruption time was further increased, the roughness of the c-plane also significantly increased. This surface roughness was the result of etching of the c-plane GaN surface in the hydrogen atmosphere in the absence of growth nutrients at high temperature during the interruption period of the pulsed growth. 36 
Growth of InGaN/GaN QWs on Nanostructures
After the development of the growth conditions for the GaN nanostructure cores, coaxial growth of InGaN QWs and GaN: Mg shells was performed on GaN cores. The QWs and the p-type GaN were grown using continuous flow MOCVD on both the Controlled Growth of Ordered III-Nitride Core-Shell Nanostructure Arrays for Visible Optoelectronic Devices pulsed MOCVD-grown nanowalls and the continuous flow MOCVD-grown pyramidal nanostripes. The active region shells consisted of three pairs of unintentionally doped InGaN QWs with GaN barriers. The QWs were grown at 720°C and the barriers were grown at 770°C with nitrogen carrier gas using triethylgallium (TEGa) and NH 3 as the sources. The V/III ratio was maintained at $12,500 during the QW growth and the pressure was maintained at 200 Torr. Cross-section STEM and l-PL were used to characterize the QWs grown on nanowalls and pyramidal nanostripes. For the l-PL experiments, the nanostructures were optically pumped at room temperature using a 10-kHz, 400-ps pulsed quadrupled 267 nm yttrium-aluminum garnet (YAG) laser. The optical intensity was varied between 130 KW/cm 2 and 50 MW/cm 2 using a series of calibrated neutral density (ND) filters, which varied the pump density over two orders of magnitude. A 950 ultraviolet objective with a numerical aperture of 0.4 was used to focus the laser pump to a $10-lm spot size. The optical emission from the devices was collected using the same objective. The reflected pump laser was spectrally removed using a dichroic mirror, and the remaining collected light was analyzed by a 300-mm spectrometer with a 600-groove/mm holographic grating and a liquid nitrogen cooled charge-coupled device (CCD) detector. For STEM analysis, the nanostructures were thinned by a focused ion beam of gallium atoms and transferred onto a grid. Figure 7 shows the complete structural and optical analysis of the core-shell nanowalls and pyramidal nanostripes. Figure 7a shows an SEM image of a single GaN nanowall with three pairs of InGaN/ GaN QWs/barriers, followed by a GaN: Mg layer grown for 15 min. The various growth layers are observed in the STEM image shown in Fig. 7b . The thickness of the QWs varies on the different crystal facets of the nanowall due to the growth rate differences of these facets. The growth conditions were optimized to achieve an active region with 3-nm QWs and 6-nm barriers on the m-planes of the nanowalls. Under these conditions, the InGaN growth was observed to be very rough and thick on the polar c-plane and very thin on the semipolar f10 " 11g planes. The inset of Fig. 7b shows an STEM of the InGaN growth on the c-plane. Similar variations in the QW thickness on various crystallographic facets were also observed by Yeh et al. 29 We conclude that the contribution to PL from the c-plane InGaN layers is likely very dim due to their rough morphology and relatively small surface area compared to the m-plane QWs. The QWs on the f10 " 11g planes also likely contribute very little to the PL because they are very thin and have a very small surface area. Thus, the l-PL shown in Fig. 7c is primarily attributed the nonpolar m-plane QWs. The nonpolar emission is also confirmed from the negligible blue shift of the PL peak wavelength with an increase in pump laser intensity over more than two orders of magnitude, which is a signature characteristic of nonpolar emission. The GaN:Mg growth rate was also similar to the QW growth and very little growth was observed on the semipolar f10 " 11g facets, which might result in a current leakage path in electrically injected core-shell devices. However, elimination of the f10 " 11g facets is expected by moving to very low ($1-2) V/III ratios. Finally, Fig. 7d shows an SEM image of GaN pyramidal nanostripes with similar active region growth conditions to the nanowalls. The resulting semipolar QWs are thick in comparison to those observed on the nanowalls due to the absence of competing crystallographic planes. This is illustrated in the STEM image in Fig. 7e , which also reveals that the thicknesses of the individual wells vary significantly, despite maintaining the same growth conditions for all three wells. The QW and the barrier thicknesses are smaller for the outer active region periods and this could be attributed to the surface area increase due to the pyramid-shaped growth. Such variation has also been observed by Wu et al. 38 Figure 7f shows the l-PL for these semipolar QWs collected over more than two orders of magnitude pump power. The PL signature is very broad and this is attributed to the large variation in QW thickness as shown in Fig. 7e . Negligible blue shift is also observed from the semipolar QWs in Fig. 7f , indicating very low QCSE.
CONCLUSION
In conclusion, large-area core-shell nanowalls and pyramidal nanostripes based on GaN were grown using selective-area MOCVD by employing a combination of IL for defining the dielectric line apertures and a subsequent photolithography to define LED mesa regions for the SAE. We demonstrated that the pulsed growth of vertical nanowalls with minimal semipolar faceting depends significantly on the growth temperature and V/III ratio. The pulse interruption time between the alternating source injections was also shown to affect the geometry of the nanowall structures. We also demonstrated the growth of pyramidal stripes using continuous-flow selective-area MOCVD.
The growth of the core GaN nanostructures was followed by growth of three InGaN/GaN QWs/barriers on the nanowalls and pyramidal nanostripes. The QW growth rates were significantly different on the three crystallographic facets present in the nanowall structures with the c-plane exhibiting thick, rough, and non-uniform QWs, and the semipolar planes exhibiting very thin QW layers. The l-PL measurements on the nanowalls showed no blue-shift as the pump power density was varied by two orders of magnitude. Preliminary results of QWs grown on the pyramidal nanostripes showed non-uniformity in the well/barrier thicknesses for identical growth conditions, which translated to a broad PL emission from these structures. The l-PL measurement on the pyramidal stripes also showed negligible blue-shift as the pump power density was varied by two orders of magnitude. With further refinement, the nanostructures presented in this work may be suitable for high-performance optoelectronic devices. Future work will focus on establishing p-n junctions in these core-shell nanostructures to realized electrically injected devices.
